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Abstract

The fatigue behaviour of two ingot metallurgy high speed steels – M2 and M42/Böhler
S600 and S500, respectively – was investigated up to Nmax = 1010 loading cycles employing
an ultrasonic frequency resonance testing system in fully reversed tension-compression mode.
Testing was done parallel to the rolling direction. Fatigue failure in the tested cycle number
range of 105 to 1010 cycles occurred at stress amplitudes between 900 and 500 MPa, respect-
ively. Failure was initiated at internal carbide clusters, internal and subsurface non-metallic
inclusions, and at primary carbides/carbide clusters located at/near the specimen surface,
the latter of which represented the dominant failure mode. The obtained S-N curves revealed
a continuous downward slope without any indication for a plateau region, and hardly any
difference was observed between the two steels. In case of internal and subsurface failures
the fracture surfaces revealed so-called fish-eye patterns formed around the crack origins. For
at/near surface failures, half of fish-eye could be observed. In the vicinity of the crack nucle-
ation site a granular area was detected followed by a fracture surface zone showing rather low
surface roughness, thus appearing dark in the scanning electron micrographs.

K e y w o r d s: tool steels, gigacycle fatigue, ultrasonic frequency fatigue testing, non-metallic
inclusions, primary carbides clusters, fish-eye patterns

1. Introduction

Typical applications of high-speed tool steels are
all types of cutting tools such as drills, mills, milling
cutters, metal saws, but also cold work tools such as
die inserts, tread-rolling dies, punching and blanking
dies. These applications have in common high num-
ber of loading cycles during service during which the
tools are exposed to cyclic stresses and strains, and
thus, as a consequence, tools fail not only due to wear
of the cutting edges but also to – mechanical and/or
thermal – cyclic loading. In low cycle fatigue, failure of
materials occurs due to crack initiation at surface de-
fects such as machining flaws or persistent slip bands,
non-metallic inclusions located at the surface or at
holes originating from decohesion of inclusions. The
fatigue behaviour beyond 106 cycles became a focus
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of investigation after Naito et al. [1] had shown in
1984 that carburized and surface hardened steels did
not exhibit a conventional fatigue limit at 106 to 107

cycles and failed even beyond 107 loading cycles at
fairly low stresses applied. This phenomenon was ob-
served predominantly for high strength bearing and
spring steels, for which numerous studies on the fa-
tigue behaviour [2–27] were published during the last
two decades. The present authors [28] gave a review of
the existing literature in a recently published article,
in which the influence of the loading type and the test
frequency and also the effect of residual stresses on
the fatigue behaviour were discussed. Summarizing,
the frequency effect on fatigue behaviour was claimed
to be negligible [2, 8, 29]. However, the influence of the
loading mode cannot be denied since rotating bend-
ing fatigue tests usually exhibit so-called ‘duplex’ or
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‘multi-step’ S-N curves while in tension-compression
tests such a stepwise shape was found by Wang et
al. [3] only. Murakami et al. [14] attributed this dif-
ferent appearance of the S-N curves to the smaller
test volume and to the stress gradient occurring in
rotating bending tests, which was also suggested by
Marines et al. [2]. However, the most important con-
clusion of all the studies cited above is that these high
strength steels fail also at stress levels below the con-
ventional “fatigue limit”, in the long life regime above
107 loading cycles. Usually failure of these steels in
the very high cycle fatigue regime is associated with
internal crack initiation and so-called fish-eye patterns
at the fracture surface. Crack origins of internal fail-
ures were found to be mostly non-metallic inclusions,
such as Al2O3, TiN, SiO2, MgO, and CaO, or sulph-
ides. Furthermore, it has been reported that the area
around the internal crack origin plays a critical role in
the gigacycle fatigue mechanism. Murakami et al. [15]
introduced the term “optically dark area” (ODA) for
this zone that appeared dark in the light optical mi-
croscope, which they claimed to be formed due to a
synergistic effect of cyclic loading and hydrogen envir-
onment. There exist also other designations for this
area in the literature such as “rough surface area”
(RSA) [20], “fine granular area” (FGA) [21], “gran-
ular bright facet” (GBF) [23, 25], “facet” (FCT) [26],
or granular (bright) area, as called by the present au-
thors [30].
Concluding it has to be mentioned here that the

number of fatigue data investigating the fatigue be-
haviour beyond 107 loading cycles is rather limited
compared to the data available in the standard-cycle
fatigue regime (< 107 cycles), predominantly due to
time (and thus financial) constraints at usual test fre-
quencies. Also the range of high strength steels that
have been under investigation so far is rather small.
This holds especially for tool steels, which differ from
high strength bearing and spring steels in such a way
that tool steels contain numerous primary carbides re-
quired for high abrasion resistance, often in the same
size or larger as the aforementioned crack initiating in-
clusions, and thus, the amount of “defects” is several
magnitudes higher than for the materials discussed
above. Investigations of fatigue behaviour of tool steels
are scarce and mostly limited to maximum cycle num-
bers of 106 to 107 [28, 30–37]. Summarizing the ex-
isting studies up to 107 loading cycles [31–36], crack
origins were found to be non-metallic inclusions, but
also primary carbides and carbide aggregates, which
were located in the interior or within the surface layer
of the specimen. Recently, the present authors [28, 30,
37] studied the gigacycle fatigue behaviour of AISI
D2 type cold work tool steel, and it was found that
primary carbides and carbide clusters located in the
interior and at/near the surface caused fatigue failure.
It has been shown that the existence of compressive

residual stresses at the specimen surface heavily influ-
ences the SN data and the location of crack origin [28].
Furthermore, considerably anisotropic fatigue beha-
viour [37] of the studied wrought D2 tool steel was
observed.
There are two major reasons why the fatigue beha-

viour of tool steels, also up to very high cycle numbers,
is of high interest: First, service operations impose a
repeated exposure to stresses and strains due to the
contact between tool and workpiece, and secondly, fa-
tigue testing at low stresses up to the gigacycle fa-
tigue regime represents a reasonable tool for identi-
fying defects, especially singularities, in the studied
material. Furuya et al. [9] propose that fatigue test-
ing employing a 20 kHz ultrasonic fatigue testing sys-
tem is a novel method for the inspection of inclusions
in low-alloy spring steels, arguing that this inspection
method is superior to conventional scanning of pol-
ished surfaces, especially for low numbers of small in-
clusions. Since users of tool steels demand closer toler-
ances and finer surface finish for continuous improve-
ment of the material properties, especially with re-
spect to reliability and lifetime, several processes to
improve the steel quality have been introduced over
the recent decades. Special refining processes such as
electro slag re-melting are nowadays state of the art in
the production of ingot metallurgy tool steels, which
techniques decrease the amount of slag impurities sig-
nificantly. However, in absence of these impurities lar-
ger carbides and carbide agglomerations, which are
generated during the solidification process, represent
potential failure origins. It is obvious that detailed
knowledge of potential crack initiation sites is required
for further improvement of tool steel performance.
The work presented here aims at providing S-N

data up to Nmax = 1010 cycles for two high speed
tool steels produced by ingot metallurgy, and revealing
potential crack initiating defects, employing an ultra-
sonic frequency fatigue testing system that operates
at 20 kHz in fully-reversed push-pull mode (R = −1),
since this method overcomes the time constraints of
usual testing set-ups such as rotating bending ma-
chines or servo-hydraulic tension-compression devices,
thus offering the possibility of fast and accurate detec-
tion of potential material defects, especially of singu-
larities.

2. Experimental

In this study the fatigue behaviour of two high-
speed steels – AISI grades M42 and M2 – produced by
conventional ingot metallurgy was investigated. Both
steels were acquired from Böhler Edelstahl GmbH,
Austria (Böhler grades S500 and S600, respectively),
supplied as annealed cylindrical bars with a diameter
of 15.5 and 20.5 mm, respectively. Chemical composi-
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Ta b l e 1. Chemical composition (mass%) of the studied high speed tool steels

Steel AISI C Si Mn Cr Mo V W Co Ni S P

S500 (HS 2-10-1-8) M42 1.1 0.52 0.23 4.2 11.0 1.0 1.9 8.1 0.2 0.002 0.018
S600 (HS 6-5-2) M2 0.9 0.35 0.30 4.3 4.8 2.2 6.1 0.7 0.5 – –

tion as derived from X-ray fluorescence analysis – ex-
cept the carbon content, which was taken from the
manufacturer product information – is shown for the
major constituents in Table 1. The two steels differ in
the carbon, tungsten and molybdenum concentration.
Steel S500 (HS 2-10-1-8, M42) is molybdenum-rich
high-speed steel, containing a considerable amount of
cobalt, which improves the red hardness. Furthermore,
small amounts of Cr, W and V are also present in
this steel. Steel S600 (HS 6-5-2, M2) is molybdenum-
-tungsten-based high-speed steel, which contains al-
most identical mass% of the two strong carbide form-
ing elements W and Mo. Carbon content is somewhat
lower, and the steel S600 contains slightly more vana-
dium, but no cobalt.
All fatigue test specimens were prepared for fatigue

loading in the rolling direction, i.e. in the favourable
microstructural orientation of these anisotropic mater-
ials. The round bars were turned to the desired geo-
metry similar to that proposed for the cold work steel
tested recently [28], and their surface was longitudin-
ally ground prior to the heat treatment in such a way
that the specimen slowly rotated while it was polished
parallel to the specimen axis by a rapidly rotating
disk. The rotating disk was spring mounted in order to
avoid undesired pressure on the sample, which might
induce stresses in the material. Steel S500 was then
austenitized at 1190◦C for 25 min and quenched in oil.
Subsequently, three times tempering was done at 610,
610 and 570◦C, respectively, for 2 hours each, followed
by slow cooling. In case of steel S600 the austenitizing
temperature was 1200◦C, and three times tempering
was performed at 610, 610 and 580◦C. The heat treat-
ment parameters have been defined according to the
recommendations given by the steel manufacturer. All
heat treatments were carried out in a push-type labor-
atory furnace with gas-tight superalloy retort under
high purity nitrogen atmosphere (5.0 N2). The heat
treated hour glass shaped fatigue specimens were then
polished to mirror-like finish in the longitudinal direc-
tion using 240 mesh aluminium oxide abrasive paper,
15 µm, 6 µm, and 1 µm diamond suspension, similar to
the grinding accomplished prior to the heat treatment
as described above. Polishing using 15 µm diamond
suspension was applied for material removal in order
to eliminate grinding-induced surface compressive re-
sidual stresses, material up to a depth of 150 µm being
removed [28].
Rockwell C hardness measurements were per-

formed at an EMCO testing device (M4U-025) at each
fatigue specimen for sake of quality control. Micro-
hardness was measured on a Leco LM 100 testing sys-
tem at a load of 0.25 N. Furthermore, transverse rup-
ture strength (TRS) was determined on round samples
with 6 mm diameter and a length of 80 mm with
surface finish using 600 mesh SiC abrasive paper by
three-point bending test on a Zwick 1474 universal
testing machine. The dynamic Young’s modulus was
measured on specimens ground to rectangular shape
(100 × 10 × 10 mm) using a Grindosonic resonance
frequency measurement system. Residual stresses have
been measured at the surface in the narrowest sec-
tion of the fatigue samples, employing X-ray diffrac-
tion and the sin2Ψ-method [Cr Kα, θ = 78.06◦, lattice
plane: {211}, 1/2S2 = 6.09 × 10−6]. For fatigue test-
ing an ultrasonic testing system (Telsonic-Ultrasonics)
operating at 20 kHz in fully reversed mode (R = −1)
was employed, details of which have been presented
recently [28]. The probability of cavitation and corro-
sion due to the specimen cooling, which was required
due to the heat developed within the samples dur-
ing fatigue testing, was thoroughly discussed previ-
ously [28]. It was concluded that these effects were neg-
ligible. Light microscopic investigations were accom-
plished on an Olympus light microscope GX51F. Im-
age analyses were performed using a commercial soft-
ware package (analySIS Vers. 5.0 from Soft Imaging
System GmbH, Germany) and an open source soft-
ware (ImageJ 1.37v from National Institute of Health,
USA). Fracture surfaces were examined by means of
scanning electron microscopy (FEI Quanta 200).

3. Material characterization

3.1. M i c r o s t r u c t u r e

The light optical micrograph (LOM) of the as-
-quenched microstructure transverse to the rolling dir-
ection of the initial S500 steel bar is presented in
Fig. 1, in which prior austenite grain boundaries are
visible showing that there was no undesirable grain
growth. The prior austenite grain size was determ-
ined using the Snyder-Graff method, and it turned
out to be 10 ± 1 µm and 11 ± 1 µm for steel S500
and S600, respectively, for the applied austenitizing
conditions. The transverse microstructure after three
times tempering is shown in Fig. 2 for steel S500.
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Fig. 1. As-quenched microstructure of steel S500/M42
(LOM, etched with 5 % Nital, 1000×).

Short etching with 5 % Nital (Fig. 2a,c,d) revealed
nicely the tempered martensitic structure and partly
the prior austenite grain boundaries. Backscattered
electron images (BSE) revealed the fine needle struc-

ture of tempered martensite, and primary carbides
(white phases) were located predominantly at the
grain boundaries. Fine martensitic needle structure
was observed within the grains (Fig. 2d). X-ray diffrac-
tion (XRD) proved that retained austenite had been
more or less completely transformed upon three times
tempering. Electron probe microanalysis (EPMA) of
the martensitic matrix revealed that someMo, Cr, and
more Co were in solid solution in the iron matrix of the
S500 steel after the applied heat treatment. Two types
of primary carbides can be distinguished in Fig. 2b due
to different etching behaviour by Murakami’s agent.
Mo-rich M6C type carbides were attacked, whereas
V-rich MC carbides remain white. However, the MC
particle borders are attacked by the etchant. EPMA
further confirmed that M6C type carbides contained
predominantly Mo for steel S500. In case of S600 sim-
ilar amounts of W and Mo were found in M6C type
carbides. MC type carbides revealed high V content.
Furthermore, XRD proved the existence at least of
the M6C carbides. The content of MC carbides was
too low for detection by XRD. In the transverse sec-
tion – which corresponds to the direction of the ob-

Fig. 2. Transverse microstructure of steel S500/M42, quenched and 3× tempered: (a) LOM, Nital, (b) LOM, Murakami
and (c, d) backscattered electron images.
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Ta b l e 2. Mechanical properties of the studied high-speed steels

Rockwell Hardness HRC 150 kg T.R.S. (MPa) Dynamic Young’s Modulus (GPa)
Steel

as-quenched tempered tempered steel tempered steel

“S500”/M42 58 ± 2 66 ± 2 3400 ± 250 207 ± 7
“S600”/M2 64 ± 2 64 ± 2 3600 ± 400 208 ± 6

Fig. 3. Classification of primary carbides according to their
size.

tained fracture surfaces – the carbide distribution was
rather homogeneous. However, in the longitudinal sec-
tion – parallel to the rolling direction of the steel bar –
primary carbide bands were observed, as characteristic
for ingot metallurgy tool steels. The volume fraction
of primary carbides in tempered steel was determined
in the cross section using image analysing software ap-
plied on 18 optical micrographs at 500× and 1000×
magnification. It turned out to be 7 ± 1 vol.% and
6 ± 2 vol.% for steels S500 and S600, respectively. Fur-
thermore, measuring of the primary carbide particle
sizes in as-heat treated steel was performed using
LOM images at magnification 1000×, 6 images each.
The classification in the transverse section according
to the primary carbide Feret diameter is presented in
Fig. 3 for both steels. Obviously, the largest observed
carbide species had a diameter < 20 µm, which is
rather small compared e.g. to the chromium carbides
of cold work tool steel K110 [28]. Considering the scat-
ter of the data, S500 and S600 primary carbide sizes
were rather similar, which holds also for the observed
microstructures of steel S600. Non-metallic inclusions
have not been detected in metallographic investiga-
tions for S500 steel. In contrast, in case of steel S600
some inclusions were observed.

3.2. M e c h a n i c a l p r o p e r t i e s

Rockwell hardness, dynamic Young’s modulus and
transverse rupture strength (TRS) were measured

(Table 2). In the as-received (annealed) condition the
steel S500 had a hardness of about 22 HRC. Steel
S600 had a higher annealed hardness of about 26 HRC
due to the higher W content, which holds also for the
as-quenched hardness. In case of steel S500, signific-
ant hardness increase was observed during tempering,
which was attributed to the secondary hardening ef-
fect in Mo-based high-speed steels. The TRS and dy-
namic Young’s moduli of both high-speed steels were
rather similar.

3.3. R e s i d u a l s t r e s s e s

XRD measurements showed that after removal of
about 150 µm from the surface by polishing, as de-
scribed in the experimental section, compressive re-
sidual stresses in the range of –120 to –190 MPa were
present at the surface in the narrowest section of the
specimen.

4. Results and discussion

4.1. S - N d a t a

Figure 4a shows the obtained S-N data for steel
S500. The types of crack origin are specially marked,
and in addition the graphs for 10, 50, and 90 %
fracture probability are also presented. The fatigue
strength decreases by half from 850 MPa at 105 load-
ing cycles to 450 MPa at 1010 loading cycles, where
three runout specimens (�, Nmax = 1010 cycles) were
obtained. In addition, at 500 MPa one further run-
out sample (�) was obtained, however, at this stress
amplitude three other samples failed after about 108

cycles. Obviously, the observed scatter of the data
was rather small. Two specimens, which were prelim-
inary samples and failed at surprisingly long lives at
900 MPa, are assumed to have had significantly higher
initial surface residual stresses compared to the rest of
the specimens, since residual stress measurement at
specimen ground and polished similarly to these two
specimens revealed compressive stresses at the sur-
face in the range of –400 MPa, which probably in-
hibited or delayed the crack initiation at the surface
(see [28]). Five different types of crack origins were
observed: At higher amplitudes, internal failures ori-
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Fig. 4. (a) S-N data of steel S500 – the solid and the two
dashed lines represent 50 %, 10 % and 90 % fracture prob-
ability, respectively, (b) S-N data of steel S600 – the solid
line represents 50 % fracture probability of steel S500 (fig-
ures close to the arrows indicate the number of run-out

specimens).

ginated at internal carbides (�) and, in some cases,
at a non-metallic inclusion (♦) forming so-called fish-
eye patterns at the fracture surfaces. Furthermore, two
subsurface failures due to large non-metallic inclusions
(�) with diameters about 73 and 33 µm, respectively,
were found, which confirms Furuya’s statement that
by gigacycle fatigue testing, non-metallic inclusions
are found that are hardly detectable in metallography.
The major part of the failed specimens showed fa-
tigue crack initiation at primary carbides and carbide
clusters located at or close to the surface (•). For a
few samples (◦) it was impossible to identify the crack
origins; however, the fatigue cracks definitely started
within the surface region.
Fatigue behaviour of steel S600 (Fig. 4b) was sim-

ilar to steel S500. Fatigue tests of steel S600 were done
for a few specimens at stress amplitudes of 700, 600,
500 and 450 MPa, two samples each, and sample fail-
ures occurred within the confidence band obtained for
steel S500. Crack initiation was found to take place at
primary carbides or carbide clusters located at/near
the surface and at subsurface non-metallic inclusions,
as described above for steel S500. However, internal
failures were not observed here, probably due to the

Fig. 5. Macroscopic fracture surface of (a) S500 specimen
failed after 5.0 × 105 cycles at 800 MPa and (b) S600 spe-

cimen failed after 3.9 × 106 cycles at 700 MPa.

limited number of specimens tested. Furthermore, two
run-outs were obtained at 450 MPa after 1010 cycles;
thus, the fatigue strength at 1010 loading cycles was
similar to that obtained for steel S500.
Comparing the fatigue data of the two high

speed steels S500 and S600 to the data obtained
for AISI D2 type wrought cold work tool steel
(Böhler grade K110), which has been presented re-
cently [28], it surprisingly turned out that the giga-
cycle fatigue behaviour of these steels was sim-
ilar in case of low residual stresses at the spe-
cimen surface, despite the fact that the hardness
of the high speed steels was about 8 HRC higher
than that of the cold work steel. However, it has
to be considered that the TRS and Young’s mod-
uli are similar, too. Consequently, it seems that
the elastic behaviour and the ductility of the mat-
rix have a more pronounced influence on the fa-
tigue behaviour than the hardness, which is pre-
dominantly determined by the very hard W and
Mo carbides. For both steel types, primary carbides
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Fig. 6. Representative fractographs of internal failures of steel S500. (a, b, c) Specimen failed at 850 MPa after 1 × 105
cycles from primary carbide cluster; (d, e, f) Specimen failed at 900 MPa after 5.5 × 106 cycles from a non-metallic

inclusion.

and carbide clusters at/near the surface represent
the most important group of fatigue crack origins,
if low residual stresses exist at the specimen sur-
face. Furthermore, for steel K110 it turned out
that high compressive surface residual stresses shif-
ted the S-N curve towards longer specimen lives,
and specimens failed due to internal carbide clusters

in the cycle number range of 105 to 107. As described
above, two specimens of steel S500 failed at 900 MPa
at significantly longer lives, probably due to high com-
pressive stresses at the specimen surface, which is cor-
roborated by the fact that K110L-I specimens (high
compressive stresses) revealed similar fatigue lives and
showed also internally induced failure.
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Fig. 7. Representative fractographs of at/near-surface (a, b, c) and subsurface failures (d, e, f) of steel S500: (a, b, c)
Specimen failed due to large primary carbide at 800 MPa after 2.6 × 105 cycles; (d, e, f) Specimen failed at 900 MPa

after 2 × 107 cycles due to a subsurface non-metallic inclusion.

4.2. Fr a c t o g r a p h y

Macroscopically, the obtained fracture surfaces of
steel S500 and S600 looked very much the same as
those obtained for AISI D2 type wrought cold work
tool steel [28, 30, 37], regardless of the type of crack
origin. However, especially at high stress amplitudes
part of the fracture surfaces of the two high speed

steels studied here exhibited areas with high edges
and ridges (Fig. 5a), probably derived from an over-
load during final fracture of the specimen. The area of
this part of the final fracture surface decreased con-
siderably with increasing sample life and totally dis-
appeared at lower stress amplitudes (Fig. 5b).
Fracture surfaces on the microscopic level revealed

up to two zones within the (half) fish-eye pattern,
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Fig. 8. Fracture surface of S500 specimen failed due
to closely arranged primary carbides at 500 MPa after
5.2 × 108 loading cycles: (a) SEM image showing zone
with rather low surface roughness (stage 2a), (b) BSE im-
age revealing the crack origin and the surrounding granular

area (GA).

depending on the type of crack origin and applied
stress amplitude. In contrast, fracture surfaces of cold
work tool steel showed five different zones of crack
growth in case of internal failure [30]. Here, for the
two high-speed steels fish-eye or half-fish-eye-like pat-
tern (see Figs. 6 and 7) was formed around the in-
ternal and at/near-surface crack origin, respectively,
of which however, exact definition of the borderline
to final fracture surface was difficult since a rather
gradual change of the structure was observed. In the
vicinity of the crack origin (see Fig. 8), except for
cases in which a non-metallic inclusion initiated the
fatigue crack, an area exhibiting a granular surface
morphology (GA in Fig. 8b) was observed, especially
at longer fatigue lives, as described recently for D2
[30, 37]. However, in contrast to those studies on D2
[30, 37], for the two high speed steels studied here the
granular surface morphology was by far not as pro-
nounced, and an exact determination of the size of this

Fig. 9. Relationship between radius of crack growth stage
2a, (a) cycle number to failure, and (b) applied stress amp-

litude.

granular area (GA) was not possible. Furthermore, it
seems that a gradual change from the granular area
to the subsequent crack growth stage occurred. This
subsequent area, called “stage 2a”, is characterized
by a rather low surface roughness and thus appears
dark in the SEM (Fig. 8a). It is speculated that the
low surface roughness might be due to the very slow
crack growth here, which can be supposed to result in
crack growth exactly perpendicular to the stress ori-
entation. Since it can be assumed that crack growth
in this region is rather slow, a large proportion of fa-
tigue life is spent there. The transition from stage 2a
to the subsequent crack propagation process seems to
be fairly continuous. Outside of area 2a, crack growth
is assumed to be relatively fast; consequently the sur-
face roughness is fairly high. The size of the stage 2a
area showed a direct relationship with the cycle num-
ber to failure (Fig. 9a), which was also observed in
recent studies [30, 37]. Consequently, the longer the
specimen lives, the larger the stage 2a area is, which
means that a significant part of the specimen life is
spent within this crack growth zone, which presum-
ably corresponds to short crack growth. Furthermore,
it turned out that the lower the applied stress amp-
litude, the larger the observed size of stage 2a was
(Fig. 9b).
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4.3. Fa t i g u e c r a c k i n i t i a t i o n ( C I )

Four types of crack origins have been identified
(except for a few specimens, for which the determ-
ination of the crack initiation site was not possible).
The four CI types can be categorized into internal and
surface/subsurface failures. Figure 6 shows character-
istic internal failures starting from a carbide cluster
(Fig. 6a–c) and a non-metallic inclusion (Fig. 6d–f).
The primary carbides appear bright in the BSE im-
age due to the high atomic number. In contrast,
the non-metallic inclusions appear dark due to their
lower atomic mass. While the non-metallic inclu-
sion is rather isolated, numerous somewhat smaller
carbides closely arranged to each other surround the
large primary carbide. This constellation seems to
be a prerequisite for internal crack formation from
primary carbides, since this arrangement might offer
highest stress concentration due to superposition of
the stress fields of the individual carbides, probably
causing cracking of the carbides. In most cases the
hard primary carbides fractured rather than decoher-
ing from the matrix, thus, they were observed on both
mating fracture surfaces. Only in a few cases a hole
was observed at one fracture surface while on the mat-
ing surface a carbide particle turned out to be the
crack origin. The latter indicates that the crack pro-
ceeded around the initiating carbide particles, which
were M6C type carbides, Mo-rich and W-Mo-rich
in steel S500 and S600, respectively. The diameters
of the carbide clusters that caused internal failure
ranged from 30 to 40 µm. According to electron probe
microanalysis, the non-metallic inclusions contained
large amounts of Ca, Al, Mg, and oxygen, and were
somewhat larger, i.e. 30 to 75 µm, than the internal
carbide clusters. Thus it can be assumed that the
inclusions were typical slag impurities such as CaO,
MgO and Al2O3. Distances of the internal crack ori-
gins to the specimen surface, which ranged from 380
to 1800 µm, revealed a relationship neither to the ap-
plied stress amplitude nor to the cycle number to fail-
ure. Thus it can be concluded that these internal de-
fects represented singularities within the tested mater-
ial volume. Since the number of specimens that failed
due to internal and subsurface defects was too low,
correlating with applied stress amplitude and cycle
number to failure would not be meaningful.
Figure 7 shows characteristic crack origins of fa-

tigue failure from primary carbides located at or close
to the specimen surface (Fig. 7a–c) and from subsur-
face non-metallic inclusions (Fig. 7d–f). In contrast
to internal failures, subsurface crack origins revealed
fish-eye patterns, the border of which touches the
specimen surface. In case of at/near surface failure,
half of fish-eye is formed, showing a similar dark sur-
face area in the vicinity of the carbide aggregates as
described before. The determination of crack origins

at/near the surface was difficult in many cases since
it seemed that during final fracture or during com-
pressive cycles the surface region in the vicinity of the
crack origin was destroyed, which had been reported
earlier [28, 35]. However, identification of the crack
origin was totally impossible only for a few samples.
Other possible reasons for the observed near-surface
failures, such as corrosion and cavitation, have been
excluded earlier [28]. The diameters of these at/near-
-surface crack initiating carbides and carbide clusters
ranged from 10 to 60 µm, thus they were in part far
larger compared to the maximum carbide sizes ob-
tained in the metallographic investigations. Neverthe-
less, these large carbide clusters seem to exist in num-
bers high enough that the probability of occurrence
at/near the specimen surface is high, thus, they do
not represent material singularities. An estimation of
the location of the crack origin – internal or at/near-
-surface – can be performed according to the statistical
concept presented recently [28]. With increasing “de-
fect” volume content, which means here volume con-
tent of potentially crack initiating carbides, the prob-
ability that at least one of them is located at/near the
surface increases. Consequently, it is essential to cal-
culate a critical carbide volume content, above which
surface induced failure will be dominant. Assuming a
carbide diameter of 10 µm – which was found to be
the smallest crack initiating carbide – and consider-
ing the total carbide volume fraction for the two high
speed steels, i.e. about 7 %, the critical carbide volume
fraction is 3 × 10−6 %, which is by far exceeded by
the volume fraction of carbides having a diameter lar-
ger than 10 µm (0.56 %) as observed in the metallo-
graphic investigations. Thus, the probability of finding
such a potential crack initiator at the specimen sur-
face is high and consequently at/near-surface failures
are dominant for the two high-speed steels, which is
confirmed by the results of the fatigue experiments.
The carbide/carbide cluster size did not reveal any

relationship to the applied stress amplitude and cycle
number to failure, which agreed with findings for AISI
D2 type tool steel [30]. The authors [30] claimed there
that the formation of a granular area was a prerequis-
ite for the formation of a short fatigue crack, i.e.
when the granular area reached a certain size. Shioz-
awa et al. [25] proposed that such granular area could
be formed around an inclusion according to a model
called “dispersive decohesion of spherical carbides”.
There, multiple microcracks are formed by the deco-
hesion of the matrix from small spherical carbides,
which however is enhanced by stress concentration in
the vicinity of larger primary carbides. These micro-
cracks then grow and coalescence to form short fatigue
cracks. However, unless an appropriate short crack
length – which corresponds to the size of the gran-
ular area – is reached, these short cracks are non-
-propagating cracks. Thus, the described microcrack
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formation and coalescence within the granular area
take place until a short propagating crack is formed.
For the two high speed steels studied here it can

be argued similarly, since also a granular area was
observed; however, the appearance of this granular
area was not that obvious as it was for the cold work
tool steel studied recently. Furthermore, at stress amp-
litudes > 700 MPa the crack initiating carbides were
large enough to trigger a propagating fatigue crack,
and thus, it seemed that a granular area was not
formed. The fact that no correlation between carbide
sizes and applied stress amplitude or cycle number to
failure was observed supports the hypothesis that the
formation of the granular area is essential for the de-
velopment of a propagating fatigue crack.

5. Conclusion

Summarizing, fatigue testing of two-ingot metal-
lurgy high-speed steels – M2 and M42 – up to 1010

loading cycles revealed the following:
– The two high speed steels studied failed even

beyond 106 loading cycles at stress amplitudes lower
than 900 MPa, showing similar fatigue behaviour. The
observed S-N curves, which revealed low scatter, re-
sembled the data recently obtained for high chromium
cold work tool steel also at absolute stress levels [28],
despite the significant difference of material hardness.
– Crack initiation sites were internal carbides/car-

bide clusters, internal and subsurface non-metallic in-
clusions, and primary carbides/carbide clusters loc-
ated at/near the surface, which represented the dom-
inant group of fatigue crack origins. Crack nucleat-
ing carbides were Mo-W-rich (steel S500) and W-rich
(steel S600) M6C type carbides > 10 µm, respectively.
For these carbides, fracture was observed rather than
decohesion from the matrix, latter effect of which was
however observed around non-metallic inclusions, i.e.
typical slag impurities such as CaO, MgO and Al2O3.
– Fracture surfaces revealed so-called fish-eye pat-

terns formed around the crack origin in case of internal
and subsurface failures. For at/near surface failures,
half fish-eye structure was observed. Clear determin-
ation of the border of the fish-eye was not possible,
which also held for the other crack growth stages iden-
tified, since the transition from one crack growth stage
to another seemed to occur rather gradually. In the vi-
cinity of the crack initiating carbides a granular area
was detected similar to that observed for cold work
tool steel [30], however, its appearance was not as pro-
nounced. The subsequent crack growth stage – called
stage 2a – was visible more clearly, which was charac-
terized by a dark appearance in SEM and a rather low
surface roughness, which can be due to the very slow
crack growth there that can be supposed to result in
crack growth exactly perpendicular to the stress ori-

entation. Thus it can be speculated that a long period
of fatigue life is spent within this crack growth stage.
– The size of crack initiating carbides/carbide

clusters did not reveal any relationship with applied
stress amplitude/cycle number to failure, at least at
amplitudes < 700 MPa, for which carbides/carbide
clusters were not large enough to directly initiate a
short propagating fatigue crack. However, through the
formation and coalescence of numerous microcracks in
the vicinity of the primary carbides such a propagat-
ing crack might be formed according to the model by
Shiozawa et al. [25]. This process results in the form-
ation of a granular area around the crack origin.
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