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Abstract

Creep behaviour and long-term microstructural stability of cast nickel based superalloy
IN 792 5A were studied. This investment cast superalloy fully fulfils current requirements of
gas turbine designers of turbine blades and other hot parts of gas turbines and turbochargers.
The methodology for evaluation creep characteristics and measured creep properties such as
creep strength, creep strength to 1 % strain and minimum creep rates are presented. The
microstructure analysis of specimens before and after creep testing showed that the initial
microstructure is unstable during long-term creep exposure. Coarsening of cuboidal γ′ pre-
cipitates and the development of rafted structure in some equiaxed grains are quantitatively
analysed. The alloy fails by growth and coalescence of cavities and cracks formed at the grain
boundaries, interfaces between eutectic regions and the γ/γ′ matrix and within brittle carbide
particles.
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1. Introduction

Nickel based superalloys have been developed for
processing of specific components operating at high
temperatures and complex stresses in stationary gas
turbines, aircraft engines and automotive turbochar-
gers. The main requirements on these materials are:
(i) resistance against complex damage mechanisms
during mechanical loading at high temperatures, (ii)
resistance against corrosive effects of hot gases and
(iii) optimized balance of mechanical and technolo-
gical properties for specific processing routes such as
hot rolling, forging and casting. Due to strategic im-
portance of nickel based superalloys, particularly in
the aircraft industry, superalloys have become one of
the most studied group of metallic materials [1–7].
Relatively frequently used superalloys including ex-
amples of their applications by world leading man-
ufacturers were recently reviewed by several authors
[8–12]. It should be noted that the nickel based su-
peralloys of the last generation still offer higher room
temperature ductility, fracture toughness and superior

*Corresponding author: tel.: +420 274023132; fax: +420 222729256; e-mail address: hightempmat@svum.cz

combination of high temperature mechanical proper-
ties when compared to multiphase nickel based inter-
metallics [13, 14]. On the other hand, at intermedi-
ate temperatures ranging from about 650 to 750◦C,
nowadays nickel based superalloys have to compete
with emerging group of titanium based intermetallics
with significantly lower density (about 4 g cm−3) and
comparable or superior specific strength [15–19] and
cheaper iron based aluminides [20–23].
IN 792 belongs to the second generation of nickel

based superalloy and it has been used industrially
since the 1970s. The IN 792 superalloy is complexly
alloyed material designed for investment casting. Me-
chanical properties of this alloy can be optimized
through appropriate heat treatments including solu-
tion and precipitation annealing. The IN 792 is pro-
duced in several modifications which differ slightly in
their chemical composition. Besides 5A modification,
which is probably the most popular, more expensive
5B and 5C variants contain also 0.5 and 0.9 (wt.%) of
hafnium, respectively [24]. Nominal chemical compos-
ition of IN 792 5A and reference nickel based superal-
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Ta b l e 1. Nominal chemical composition of nickel based superalloys IN 713 LC, IN 738 LC and IN 792 5A (in wt.%)

Alloy C Cr Co Mo W Nb Ta Ti Al Zr B

IN 713 LC 0.05 12.0 – 4.50 – 2.00 – 0.60 5.90 0.10 0.010
IN 738 LC 0.10 16.0 8.5 1.75 2.60 0.85 1.75 3.40 3.40 0.05 0.010
IN 792 5A 0.08 12.5 9.0 1.90 4.17 – 4.17 3.97 3.37 0.03 0.015

loys IN 713 LC and IN 738 LC are shown in Table 1.
Basic creep properties of the IN 792 alloy have been

already published [25] but this information is limited
when compared to other nickel based superalloys. On
the other hand, the data about creep properties of IN
792 5A superalloy are still lacking in available liter-
ature. It should be noted that our research on creep
behaviour of IN 792 5A alloy was motivated by the in-
dustry that selected this system for specific structural
applications at high temperatures.
The aim of this paper is to study creep behaviour

and the effect of creep exposure on the microstructure
stability of cast nickel based superalloy IN 792 5A.

2. Experimental procedure

Conical ingots with minimum diameter of 13 mm,
maximum diameter of 18 mm and length of 90 mm
were cast by a foundry company PBS Velká Bíteš from
a master alloy supplied by Ross and Catherall. After
casting the ingots were subjected to two-step anneal-
ing at 1120◦C for 2 h followed by air cooling and at
845◦C for 24 h finalized by air cooling. The analysed
chemical composition of the ingots is given in Table 2.
Cylindrical creep specimens (48 pieces) with gauge

diameter of 5 mm and gauge length of 50 mm and
threaded heads of M12 × 15 mm were lathe ma-
chined from the heat treated castings. The constant
load creep tests were performed at applied stresses
ranging from 80 to 540 MPa at temperatures from
750 to 975◦C. The creep experiments were done at
testing laboratory accredited according to certificate
ČSN EN ISO/IEC 17025:2005 at SVÚM Prague. Con-
trol of creep temperature accuracy was according to
the ČSN EN 10291 standard, e.g. accuracy of ±4◦C
and ±6◦C for the temperature ranges from 600 to
800◦C and from 800 to 1000◦C, respectively. Elong-
ation of creep specimens was measured by extenso-
meters with 10 µm resolution.
The microstructure analysis of specimens before

and after creep testing was performed by light op-
tical microscopy (LOM), scanning electron micro-
scopy (SEM) and energy-dispersive X-ray spectro-
scopy. LOM and SEM samples were prepared using
standard metallographic techniques including grind-
ing at abrasive papers and mechanical polishing on
diamond pastes up to 1 µm. After polishing the
samples were etched in a reagent of 25 ml of ethanol,

Ta b l e 2. Measured chemical composition of cast ingots
(in wt.%) and calculated electron vacancy number µNV

Specification
Element Heat

min max Analysis

C 0.060 0.100 0.078
Cr 12.00 13.00 12.28
Mo 1.65 2.15 1.81
Nb – 0.50 < 0.10
Ta 3.85 4.50 4.12
Al 3.15 3.60 3.36
Ti 3.75 4.20 3.98
B 0.010 0.020 0.015
Zr 0.010 0.050 0.031
Si – 0.20 < 0.10
Mn – 0.15 < 0.10
Fe – 0.50 0.16
Co 8.50 9.50 8.87
W 3.85 4.50 4.10
S – 0.015 < 0.002
P – 0.015 < 0.002

µNV – – 2.26

25 ml HNO3 and 26 ml HCl. The size and volume frac-
tion of precipitates were determined by computerized
image analysis. For this purpose, statistical number of
digitalized SEM micrographs (20 photos) was taken
for selected creep regimes.

3. Results

3.1. S e n s i t i v i t y o f I N 7 9 2 5 A a l l o y t o
σ p h a s e f o r m a t i o n

Because of the complex alloying, the IN 792 5A al-
loy has a tendency to form undesirable σ phase when
exposed to high temperatures. The σ phase is an in-
termetallic, topologically closely packed phase which
exists especially in plate or needle-like morphology.
This phase can precipitate at the studied temperature
interval from 650 to 950◦C, particularly during creep
loading. The tendency of nickel based superalloys to
form the σ phase can be predicted from their chemical
composition using well-known PHACOMP (acronym
for Phase Computation) method [26]. Many modifica-
tions of this method, which differ in computation pro-
cedure, can be found in literature [27, 28].
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Ta b l e 3. Calculation of electron vacancy number

Step Description

1 Convert the composition from weight per cent to atomic per cent.

One half of the C forms MC carbides,
remaining C forms M23C6 carbides

2 Assumption for calculation
of phase composition All B is combined as Mo3B2

The γ′ is Ni3(Al, Ti, Ta, Nb)

3
The residual matrix will consist of the atomic per cent minus

those atoms combined in the carbide, boride and γ′.

4 Conversion of this on a 100% basis which gives in atomic per cent of each element remaining in the matrix

5
Formula for calculation of the electron vacancy number is as follows:

µNv = 0.66Ni + 1.71Co + 2.66Fe + 3.66Mn + 4.66(Cr + Mo + W) + 5.66V + 0.66(Si + Zr)

Ta b l e 4. Size of primary and secondary cuboidal γ′ precipitates, width of γ channels, width of γ′ rafts and length of γ′

rafts

Size of primary Size of secondary Width of Width of Length of
State γ′ precipitates γ′ precipitates γ channels γ′ rafts γ′ rafts

(nm) (nm) (nm) (nm) (nm)

Before creep 480 115 57 – –
Creep 850◦C/240 MPa 530 250 240 540 690
Creep 950◦C/80 MPa 705 – 540 720 1950

The basic assumption for PHACOMP method is
that the σ phase is an electron compound and its oc-
currence is conditioned by a certain number of vacant
places in the electron envelope (so called electron va-
cancies) of the elements which form a solid solution.
The computation then involves determining

µNV =
∑

i

miNVi, (1)

where µNV is the mean value of electron vacancies
of the elements which form the solid solution, mi is
an atomic fraction of i-th element of the solid solution
andNVi is the number of electron vacancies in electron
envelopes of i-th element.
Criterion for the composition’s suitability is defi-

ned as

µNV ≤ NVkrit, (2)

where NVkrit is the critical value of µNV (material
constant). The alloy is not predisposed to form the
σ phase when Eq. (2) is fulfilled. The PHACOMP
method used in this work is based on several simpli-
fications and individual steps of these calculations are

schematically shown in Table 3. Applying this proced-
ure for the studied IN 792 5A alloy results in electron
vacancy of µNV = 2.26 (see Table 2), which is lower
than the critical value of NVkrit = 2.38 [24]. These
calculations suggest that the σ phase should not be
formed during long-term high temperature exposure
of IN 792 5A. It should be noted that the full pro-
cedure adopted for computer calculation of electron
vacancies is described in [29].

3.2. M i c r o s t r u c t u r e b e f o r e c r e e p

The microstructure of the as-cast and heat treated
nickel-based superalloy IN 792 5A alloy consisted of
equiaxed grains with a mean grain diameter of 650 µm.
Figure 1 shows the typical microstructure within the
grains. Besides the typical cuboidal Ni3(Al,Ti) precip-
itates (γ′ phase) in the γ matrix (Ni-based solid solu-
tion), the microstructure contains needle-like precipit-
ates, which were identified by energy dispersive spec-
troscopy to be carbides, as shown in Fig. 1a. In some
regions, formation of γ/γ′ eutectic (E) was observed,
as shown in Fig. 1b. The eutectic regions are usually
surrounded with a layer (L) containing fine γ′ precip-
itates in the γ matrix and carbide particles. As illus-
trated in Fig. 1c, two-step ageing at 1120◦C/2 h and
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Fig. 1. SEM micrographs showing microstructure of IN 792
5A alloy before creep testing: (a) the typical γ/γ′ micro-
structure with needle-like carbide particles; (b) γ/γ′ eu-
tectic region with carbide particle; (c) primary (larger)
and secondary (smaller) γ′ precipitates in the γ matrix.
P – carbide particle, E – eutectic region, L – layer with

fine γ/γ′ type of microstructure.

845◦C/24 h leads to a bimodal size of the γ′ precipit-
ates. Figure 2 shows a distribution curve for the meas-
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Fig. 2. Bimodal distribution of γ′ particle size before creep
testing.
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Fig. 3. Log-normal distribution curves of measured width
of γ channels.

ured size d (edge length) of cuboidal γ′ precipitates.
The distribution curve clearly indicates two peaks cor-
responding to primary and secondary γ′ particles with
a mean size of dp = 480 nm and ds = 115 nm, respecti-
vely. Volume fraction of γ′ precipitates was measured
to be 68 ± 4 vol.%. Besides the size and volume frac-
tion of strengthening particles, an important struc-
tural parameter affecting the creep strength of the
studied alloy is the width of γ channels separating
cuboidal γ′ particles. All measured values of width of
γ channels were fitted by log-normal distribution func-
tion, as seen in Fig. 3. Table 4 summarizes statistically
determined mean values of the γ′ precipitate size and
width of γ channels. It should be noted that the mean
values were determined from about 1700 statistical
measurements for each microstructural parameter.
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3.3. C r e e p

3.3.1. Assessment methodology of creep
characteristics

In order to assess the time to rupture as a func-
tion of temperature and applied stress σ, the relation
defined in [30] was used in the form

log σ = A1 +A2PLM +A3P
2
LM, (3)

where A1, A2 and A3 are material constants and PLM
is the Larson-Miller parameter defined as

PLM = T (log tr +A4), (4)

where T is the absolute temperature, tr is the time
to rupture and A4 is a material constant. Linear
material constants were estimated using the least
square method, non-linear constants were determined
by gradual iteration [31]. This method was used in all
following cases of determining material constants.
In order to determine creep deformation character-

istics, firstly individual creep curves were evaluated.
Figure 4 shows creep deformation curves at tempera-
tures ranging from 800 to 950◦C. Total creep deforma-
tion εc as a function of time, characterized by limiting
deformation εm and initial deformation ε0, can be in
all three stages of creep described by means of model
in the form [32, 33]

εc = ε0 ·
[[

εm
ε0

][g(π(t))]
− 1

]
, (5)

where t is the time. The time-dependent function of
integral intensity of the creep process g(π(t)) is defined
by the following relation

g (π(t)) = πN

[
1 + exp

(−2πK
)

1 + exp (−2)

]M

, (6a)

where K, M and N are material constants and g is
a function of damage parameter π(t) in a normalized
form

π =
t

tr
. (6b)

The initial elastic deformation ε0 is controlled by
the Hooke’s law

ε0 =
σ

E(T )
102, (6c)

where E(T ) is the temperature dependence of the
Young’s modulus. The following form was used to de-
termine the module of elasticity as a function of tem-
perature

E(T ) = E1 + E2 exp

(
E3
T

)
, (6d)

where E1, E2 and E3 are material constants. Limiting
deformation εm is a quantity of deformation determ-
ined by extrapolating of creep curve between the point
shortly before failure, when deformation increases ex-
tremely fast, and the point of failure. The time interval
of the very fast deformation acceleration constitutes
of about 1 % of the overall time to failure. Thus non-
-inclusion of the stage of collapse before failure into
the mathematical description is a simplification which
has a minimum impact on the description of the creep
process. In addition, it is a stage of the creep pro-
cess which is totally insignificant from the application
point of view. The scope of the experiments did not
allow evaluation of the limited deformation εm as a
function of the time to failure and temperature. How-
ever, for the description of individual creep curves, this
parameter can be considered to be a material constant.
Mathematical description of the creep curves al-

lows to determine other creep characteristics. The
first of these is the strength for specific creep strain.
From Eqs. (6a) to (6d), one can obtain for each curve
the time when the selected deformation (e.g. 1 %) is
reached. In order to determine the creep strength for
1 % strain as a function of temperature and stress, a
regression model formally identical to Eq. (5) was used

log σ1 = B1 +B2 · PLM +B3 · P 2LM, (7)

where PLM = T1(log t1 +B4), T1 is the absolute tem-
perature, σ1 is the stress, t1 is the time to 1 % creep
strain, B1 to B4 are material constants.
Another quantity is the creep rate, which in al-

loys with low plasticity is characterized by minimum
creep rate. By derivation of Eqs. (6a) to (6d) by time,
one can obtain a creep rate curve, from which the
minimum creep rate can be determined. In order to
analyse the minimum creep rate as a function of tem-
perature and stress, the model defined in [32, 33] was
used in the form

log ε̇ = C1 + C2 log

∣∣∣∣ 1T − 1
C5

∣∣∣∣+ C3 log [sinh (C6σT )] +

+ C4 log

∣∣∣∣ 1T − 1
C5

∣∣∣∣ log [sinh (C6σT )] , (8)

where ε̇ is the minimum creep rate (% h−1) and C1 to
C6 are material constants.

3.3.2. Analysis of creep characteristics

Creep characteristics were determined from creep
deformation curves. The creep tests were carried out
at applied stresses ranging from 80 to 540 MPa and
temperatures from 750 to 975◦C. The time to frac-
ture was measured to vary from 36 to 10495 h [34,
35]. Examples of some creep curves calculated accord-
ing to Eq. (5) are presented in Fig. 4. It is possible
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Fig. 4. Creep deformation curves showing dependence of total plastic strain on the time of nickel based superalloy IN 792
5A: (a) 800◦C; (b) 850◦C; (c) 900◦C; (d) 950◦C. The applied stresses are shown in the figures.
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to see that the fitting curves calculated using above
described procedure have logical character, e.g. pro-
longation of creep life has tendency to decrease plastic
strain.
Figure 5 shows rupture stress as a function of

Larson-Miller parameter calculated from Eq. (3). Fig-
ure 6 illustrates the time to rupture as a function of
stress and temperature. Corresponding constants of
Eq. (3) are shown in Table 5. It is evident that the
data for higher temperatures can be also very well fit-
ted to time to rupture – stress curves.
Figure 7 shows stress for 1 % strain as a function of

Larson-Miller parameter. Figure 8 shows dependence
of time 1 % strain on stress at various temperatures.
Material constants of Eq. (7) are shown in Table 5.
Figure 9 illustrates minimum creep rate as a func-

tion of stress at various creep temperatures. Calcu-
lated constants according to Eq. (8) are shown in
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Ta b l e 5. Material parameters calculated from Eqs. (3), (7) and (8)

Eq. (3) Eq. (7) Eq. (8)

A1 −1.08095721 × 100 B1 −2.32361121 × 10−1 C1 −2.13513420 × 101
A2 4.09067706 × 10−4 B2 2.78827287 × 10−4 C2 −3.86464846 × 100
A3 −1.06479626 × 10−8 B3 −6.23516284 × 10−9 C3 −6.26871693 × 10−1
A4 1.94516965 × 10−1 B4 2.46893793 × 101 C4 −1.95308164 × 100

C5 1.35048670 × 103
Valid for σ (MPa), T (K), tr (h), t1% (h) C6 6.20537446 × 10−5

Valid for (% h−1), σ (MPa), T (K)
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Fig. 6. Dependence of time to rupture on the stress for IN
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the figure.

Table 5. This data processing is very useful for cal-
culation of long time service life.

3.4. M i c r o s t r u c t u r e d e g r a d a t i o n
d u r i n g c r e e p

Detailed microstructure evaluation was performed
on two creep specimens subjected to long-term creep
testing at 850◦C/240 MPa for 5052 h and 950◦C/80
MPa for 7704 h. Two main microstructure features
were studied: (i) microstructure degradation during
creep and (ii) creep fracture.
Detailed analysis of the crept specimens by SEM

revealed that the initial cuboidal γ/γ′ microstructure
is unstable during long-term creep exposure. Figure
10 shows the typical microstructure observed on lon-
gitudinal sections in gauge regions of the crept spe-
cimens. It is clear that some grains preserve nearly
cuboidal γ/γ′ type of microstructure (Figs. 10a and
10c) but some exhibit well developed rafted type of mi-
crostructure (Figs. 10b and 10d). Three main features
of rafted structure were statistically evaluated: (i)
width of γ′ rafts, (ii) length of γ′ rafts and (iii) width of
γ channels separating the γ′ rafts. Each mean value of
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the rafted structure was determined from log-normal
distribution function. Figure 3 shows log-normal dis-
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tribution curves of measured values of width of γ
channels in the studied crept specimens. The res-

ults of statistical quantitative image analysis of the
grains, which showed minimum (coarsened cuboidal
microstructure) and maximum (well developed raf-
ted microstructure) degree of microstructure degrad-
ation within the gauge regions of the crept speci-
mens, are summarized in Table 4. As it results from
this table, the grains with minimum degradation after
creep at 850◦C show bimodal distribution of γ′ pre-
cipitates. While the size of primary γ′ precipitates in-
creases negligibly, the secondary precipitates under-
went significant coarsening when compared to those
in the specimens before creep testing. On the other
hand, no bimodal distribution of γ′ precipitates is ob-
served in the specimen after creep at 950◦C but the γ′

particles are significantly larger than those observed
before creep. Increase of test temperature from 850
to 950◦C and creep time from 5052 to 7704 h res-
ults in well developed rafted microstructure, as seen
in Table 4. The grains in the specimen crept at 850◦C
show the early stages of rafting process. Significantly
higher applied stress of 240 MPa at 850◦C is less ef-
fective to develop rafted microstructure than higher

Fig. 10. SEM micrographs showing different level of microstructure degradation within individual equiaxed grains in the
gauge region of creep specimens: (a) and (b) creep at 850◦C/240 MPa for 5052 h; (c) and (d) creep at 950◦C/80 MPa for

7704 h.
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Fig. 11. (a) SEM micrograph showing cavities and cracks
formed at interfaces between eutectic regions and the γ/γ′

matrix and around carbide particles; (b) LOM micrograph
showing crack propagation along the grain boundaries. P

– carbide particle, E – eutectic region.

test temperature of 950◦C and longer creep time of
7704 h.

3.5. C r e e p f r a c t u r e m e c h a n i s m

During the tertiary creep stage the studied creep
specimens showed homogeneous plastic deformation
within the gauge region with very limited local neck-
ing before fracture. Three main regions for nucleation
of creep cavities and cracks were identified in the spe-
cimen crept at 850◦C/240 MPa: (i) grain boundaries,
(ii) interfaces between eutectic regions and the γ/γ′

matrix and (iii) brittle carbide particles, as seen in
Fig 11. Figure 11a shows cavities and cracks along
the interface between eutectic regions and the matrix,
cracking of brittle carbide particles and crack form-
ation at interfaces between carbide particles and the
matrix. As seen in Fig. 11b, the creep fracture of spe-
cimen is caused by coalescence of cavities and cracks
formed along the equiaxed grain boundaries. Figure

Fig. 12. SEM micrographs of the creep specimen tested
at 950◦C/80 MPa: (a) coalesced cavities formed along the
grain boundaries; (b) propagation of fracture crack along

the grain boundaries.

12 shows fracture features of the specimen crept at
950◦C/80 MPa. No evidence for cracking of carbide
particles or crack initiation along the carbide particle
interfaces was found. The main mechanisms leading
to fracture was diffusion controlled growth and coales-
cence of cavities along the grain boundaries, as seen
in Figs. 12a and 12b.

4. Discussion

4.1. C r e e p p e r f o r m a n c e o f I N 7 9 2 5 A

Figure 13 shows stress for 1 % strain for alloys IN
713 LC, IN 738 LC and IN 792 5A. The comparison
was done using Eq. (3), for which a constant para-
meter of A4 = 21 was chosen. The figure shows stress
for 1 % strain for temperature 750◦C and life 1000
hours, and for 850◦C and 6000 hours. While the alloys
IN 713 LC and IN 738 LC are very similar, the IN 792
5A clearly shows the highest stress values at identical
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Fig. 13. Comparison of stress for 1 % creep strain of nickel
based superalloys IN 792 5A, IN 738 LC and IN 713 LC.

Larson-Miller parameter PLM. The IN 713 LC is the
longest used alloy by the industry. Its chemical com-
position is relatively simple and it is not prone to form
σ phase. This alloy has narrow solidification range and
cast components can be used in as-cast state. There is
no problem to achieve required creep properties using
certified creep test procedure [36]. The IN 713 LC be-
longs to the first generation of Ni based superalloys.
The IN 738 LC is the second generation alloy. Due to
its complex alloying, it shows an increased resistance
against sulphuric environment. It is about 50 % more
expensive than the IN 713 LC. It is prone to form
σ phase during high temperature exposure. Hence,
chemical composition of IN 738 LC must be optim-
ized. In order to achieve required properties, the alloy
has to be heat treated after casting. The IN 792 5A
is also a material of high resistance against sulphuric
environment. Its main advantage is that it has the
highest high temperature strength from all assessed
alloys. The same heat treatments have to be applied
to IN 792 5A and IN 738 LC. However, the IN 792 5A
is about three times more expensive than IN 713 LC.

4.2. M i c r o s t r u c t u r e s t a b i l i t y d u r i n g
c r e e p

Detailed microstructure analysis of studied creep
specimens showed no evidence for formation of σ phase
in the microstructure during long-term creep expos-
ure. The metallographic observations are in agreement
with calculations of electron vacancy number using
PHACOMP method, which was lower than a critical
value indicating no tendency of IN 792 5A to form the
σ phase.
As shown in Table 4, after creep testing at

950◦C/80 MPa the creep specimen contained only one
size distribution of γ′ precipitates. Fine secondary γ′

precipitates disappeared and primary precipitates un-
derwent significant coarsening when compared to the
initial microstructure. Since no interrupted creep tests
were performed we can only speculate about the mech-
anisms controlling this process. We think that the
primary precipitates probably grew on the expense of
dissolution of unstable secondary precipitates. How-
ever, more complex mechanisms of particle coarsening
can operate in the studied alloy. A similar change of
bimodal type of microstructure and formation of one
size distribution of γ′ particle was also observed by
Wangayo et al. [4, 5] in a turbine blade made of nickel
based superalloy Udimet 500 exposed to real operation
conditions.
The development of rafted structure in single crys-

talline nickel based superalloys depends on crystallo-
graphic orientation to loading direction, lattice misfit,
test temperature, applied stress and creep time [37,
38]. The lattice misfit δ is defined as the difference
between the lattice parameter of the γ′ phase (aγ′)
and γ phase (aγ) by

δ =
2 (aγ′ − aγ)

aγ′ + aγ
. (9)

In the case of IN 792 5A, the lattice misfit is negative.
Different degree of microstructure degradation of in-
dividual equiaxed grain in the studied alloy can be ex-
plained by their specific crystallographic orientation to
tensile axis. As shown by Sass and Feller-Kniepmeier
[37], while the creep specimens with crystallographic
orientation [001] and [011] parallel to tensile axis
showed microstructure rafting during creep, no raft-
ing was observed in specimens with orientation [111].
No rafting can be explained by symmetrical coherency
stress levels operating in the planes of the γ/γ′. On the
other hand, rafting reduces different stress levels in
the γ matrix channels in the case [001] and [011] crys-
tallographic orientation, which results in reduction of
creep anisotropy for these orientations. It is clear that
inhomogeneous rafting observed in the IN 792 5A can
be well related to the various crystallographic orient-
ation of individual grains.

5. Conclusions

The investigation of creep behaviour on the micro-
structure stability of cast nickel based superalloy IN
792 5A suggests the following conclusions:
1. The initial microstructure of the IN 792 5A al-

loy consists of cuboidal γ′ precipitates in the γ matrix.
Formation of carbide particles is observed in vicinity
and along equiaxed grain boundaries. The γ′ precip-
itates show bimodal distribution before creep testing.
2. The methodology for evaluation of creep prop-

erties is described. Using this methodology, rupture
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stress, stress for 1 % strain and minimum creep rates
are determined from creep deformation curves.
3. Microstructural analysis of specimens subjected

to long-term creep testing showed no evidence of σ
phase formation in the microstructure. These obser-
vations are in agreement with calculations of electron
vacancy number using PHACOMP method, which
showed that the alloy with the given chemical compos-
ition should not be pronounced to form the σ phase.
4. During creep testing the microstructure degrad-

ation is observed.While some equiaxed grains still pre-
serve cuboidal morphology of γ′ precipitates, forma-
tion of rafted structure was observed in other grains
with suitable crystallographic orientation to loading
axis. The size of coarsened γ′ precipitates, the width
of γ channels and length of γ′ rafts are determined
quantitatively.
5. During the tertiary creep stage nucleation of cav-

ities and cracks is identified at the grain boundaries,
interfaces between eutectic regions and the γ/γ′ mat-
rix and within brittle carbide particles. The specimens
fail by the growth and coalescence of these cavities at
low applied stresses and by coalescence of cavities and
cracks formed along the brittle carbides at high ap-
plied stresses.
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